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Abstract. The diamond nucleation has been studied on scratched Si(100) both by surface analyses (XPS,
AES, ELS) and microstructural probes (AFM, SEM). Two pathways for diamond formation and growth
are detected: A seeding pathway occurs by direct growth from part of diamond seeds left by the mechanical
pretreatment. Not all of these seeds however are prone to diamond growth as they can be either dissolved
or carburized. A nucleation pathway occurs through a stepwise process including the formation of extrinsic
(pretreatment) or intrinsic (in situ) nucleation sites, followed by formation of carbon-based precursors.
It is believed that nucleation sites could be either grooves of scratching lines or protrusions produced by
etching-redeposition. The size of these protrusions is not larger than 100 nm. On top of these protrusions
as well as on the bare substrate, a thin layer of silicon carbide rapidly forms and DLC carbon likely.
This complex process on top of protrusions may constitute carbon-based embryos for further diamond
nucleation.

PACS. 81.05.Tp Fullerenes and related materials; diamonds, graphite – 81.15.Gh Chemical vapor
deposition (including plasma-enhanced CVD, MOCVD, etc.) – 82.65.-i Surface and interface chemistry

1 Introduction

The successful growth of diamond films via Chemical Va-
por Deposition (CVD) has stimulated an enormous in-
terest due to the outstanding properties of diamond for
present or new technological applications [1]. The good
electrical insulation, high thermal conductivity and low
dielectric constant make diamond well-suited for use in
device packaging and multichip module technologies; the
extreme hardness and wide optical band gap provide an
excellent material for optical or opto-electronic applica-
tions; the chemical inertness and the high hardness make
it ideal for protective coating against corrosion and wear
in cutting tools as well. Nevertheless, the most powerful
development would be an electronics based on diamond
running in harsh thermal, corrosive or radiative environ-
ments, owing to its unique electronic properties. The com-
bination of such properties requires however to grow high
quality, strongly adhesive as well as properly doped dia-
mond films. Unfortunately many earlier attempts to grow
diamond on non-diamond substrates have yielded poorly
adhesive polycrystalline films, obtained by 3D growth of
randomly-oriented crystals containing non-diamond car-
bons and other impurities as well as structural defects.
One main reason for this feature is the poor basic un-
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derstanding of the nucleation and the growth at the early
stages of diamond deposition. Nevertheless, there has been
a considerable amount of work to elucidate the mecha-
nisms of CVD diamond nucleation and growth, since the
pioneering work by Matsumoto et al. using the Hot Fila-
ment (HFCVD) process [2].

Let us outline some of the prominent results that
merge from the prolific literature devoted to these top-
ics. It is now clearly established that the CVD diamond
synthesis requires the occurrence of surface defects [3,4].
Defects are needed to induce the nucleation process by
lowering the enthalpy of nuclei formation [5], as it has
been claimed in the current theories of nucleation [6–8].
Indeed accurate patterning treatments clearly lead to pref-
erential nucleation on top of tips or whiskers [9,10]. How-
ever generally both the real chemical and the intimate
structural nature of such defects relevant to nucleation
are still a matter of debate. Mechanical scratching and
ultrasonic agitation treatments lead to high density poly-
crystalline films with randomly oriented diamond nuclei.
However, no obvious relationship is found between the
scratches and the diamond particles, although this has
been sometimes reported, e.g. along the edges of Si(111)
terraces [11]. Furthermore it is claimed that diamond
seeds left on the substrate after the mechanical polishing
act as germs for further diamond growth [12,13]. In situ
etching of the substrate can also dramatically enhance
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the nucleation. Applying a negative bias during a short
preliminary treatment successfully achieves the highest
density presently observed together with clear preferential
orientation of the nuclei [14]. The transformation between
various allotropic forms of carbon and the chemical nature
of the substrate must also be addressed to understand the
stepwise formation of nucleation sites, embryos and nu-
clei. Thus preferential nucleation occurs on the edges of
graphitic prismatic planes [15], a process that has been
further modelized by molecular simulations [16]. More-
over, high nucleation density has been reported on Si and
other refractory metals where a carbide formation could
be observed [17,18], while both a poor nucleation density
and a slow nucleation rate were reported on metals unable
to form carbides or to dissolve carbon (Cu, Pt, Au, Ni, ...)
[19,20]. To sort out among these likely processes, there is a
need for more basic and comprehensive studies of diamond
nucleation and growth on well-characterized surfaces. In
a parallel work [21], we have established that nucleation
on virgin Si(111) and Si(100) surfaces occurs via a three
step process including (i) first the selective formation of
defects of well-defined symmetry through etching by hy-
drogen radicals which provide suitable nucleation sites,
(ii) subsequent stabilization of embryos on these sites and
finally (iii) formation of nuclei. This interpretation can be
described by the phenomenological kinetic model first de-
veloped by Molinari et al. [22], recently extended to the
initial step of defects formation [23]. By contrast, there are
only few studies that describe the nucleation process when
preliminary treatments are applied to the silicon substrate
in order to significantly increase the nucleation density.
These widely used treatments include mechanical polish-
ing [24,25], mechanical abrasion with ultrasonic agitation
[26] or ion impingement via a negative bias applied be-
tween the substrate and the activation source [27].

The aim of this work is to study the nucleation and
growth processes of CVD diamond on a mechanically
scratched Si(100) surface and to compare with the re-
sults obtained on virgin Si(100). The scratching treat-
ment is implemented by polishing with diamond paste
(1/4 µm), where surface structural defects are generated
along randomly distributed lines. The experiments are
performed in a synthesis chamber directly connected to
another chamber, enabling to sequentially monitor the di-
amond nucleation and growth by surface analyses includ-
ing X-ray photoemission (XPS), Auger electrons (AES)
and Electron Losses (ELS) spectroscopies without break-
ing the vacuum. Deposits on separate samples were per-
formed under similar conditions for microstructural in-
vestigations including Scanning Electron (SEM), Atomic
Force (AFM) and Transmission Electron (TEM) micro-
scopies. The main results of this study can be summarized
as follows:

- Two pathways are proposed to occur on silicon that lead
to diamond growth.
- The first one is a germ pathway which involves a part
of the diamond seeds left by the pretreatment of the sub-
strate.
- The second one is a stepwise nucleation pathway that

involves subsequent preliminary formation of nucleation
sites and carbon-based embryos on it. It therefore requires
an incubation time.
- It is proposed that the nucleation site is mainly silicon
protrusion generated by the etching of the material. On
top of these protrusions, silicon carbide and amorphous
DLC carbon are formed that constitute the carbon em-
bryos.

2 Experimental part

2.1 Sample and CVD conditions

The samples were prepared by polishing a Si(100) wafer
supplied by Wacker with diamond paste (15, 10, 3, 1 and
finally 1/4 µm). The boron-doped silicon samples of re-
sistivity 17−23 Ωcm were first ultrasonically cleaned in
CCl4 and ethanol solutions, before being introduced into
the preparation chamber. The only surface impurities that
could be detected by AES were carbon and oxygen. Unless
otherwise stated, no in situ vacuum surface treatment such
as Ar+ ion etching or thermal treatment was attempted,
in order to preserve the defects and the germs left by the
scratching procedure. It will further be observed that such
treatments strongly affect the nucleation density.

The CVD diamond was grown by the hot filament pro-
cess (HFCVD) which activates a gas mixture of hydrogen
of grade 5.5 and methane (0.5%). The deposition was car-
ried out in ultra high vacuum stainless steel chamber with
a base pressure of 10−9 mbar. The tungsten filaments, set
at a distance d between 5 and 7 mm above the sample
surface, were heated at 2400± 25 K, corresponding to an
electric power into the filaments of 185 ± 5 Watt. The
temperature of the substrate was 1073 ± 10 K. The to-
tal pressure was 3000 Pa and the gas flow was 200 l/min.
More details on the CVD chamber were reported in ref-
erence [28]. Besides, the procedures (i) to reach steady
state deposition conditions, (ii) to stop a deposition se-
quence and (iii) to transfer the sample for surface anal-
yses have been elsewhere described [21]. Both sequential
and continuous depositions were carried out for spectro-
scopic and microstructural investigations, respectively. We
checked that these two procedures lead to similar nucle-
ation density and growth law, under identical gas and sam-
ple conditions.

2.2 Surface analyses

The standard conditions of the surface analyses by elec-
tron spectroscopies have been reported elsewhere [29].
Shortly, the UHV chamber was a custom-built system
equipped with a VSW 100 mm hemispherical analyzer.
The base pressure was 10−10 mbar in the chamber and
5×10−10 mbar during the analyses. Photoelectrons, Auger
electrons and inelastic electrons were collected when es-
caping from a direction quasi-normal to the surface of the
substrate.
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The X-ray source was an unmonochomatized PHI Mg
anode providing photons of 1253.6 eV kinetic energy with
an angle of incidence of 30◦. The acceleration voltage was
13 kV and the power was 300 Watt. The resolution was
then 0.60 eV, as measured by the broadening of the 4f7/2
line of a clean gold foil. The binding energies were referred
to the calibration of core levels of clean copper, silver and
gold foils (75.14, 83.98, 368.26 and 932.67 eV for the Cu
3p, Au 4f7/2, Ag 3d5/2 and Cu 2p3/2 levels, respectively).
The XPS intensity of each individual contribution was cal-
culated by the use of a model previously reported [26].

The AES spectra were recorded in the derivative mode
dN(E)/dE with a kinetic energy of the primary electrons
of 1 keV and a modulation of 4 V.

For ELS, the electron beam energy was either 250 eV
or 1200 eV. The electron escape depth of the elastically
scattered electrons is then estimated to 7.4 Å and to
16.2 Å, respectively [30]. The spectra were recorded with
an energy resolution of 1 eV from a sampling area of about
2 mm2 and the intensities were normalized to the elastic
peak. We checked the absence of electron beam induced
damages such as carbon amorphization or carbon trans-
formation. We frequently changed the area analyzed in
order to check the homogeneity of the deposit.

2.3 Structural investigations

SEM investigations were performed on a JEOL JSM 840
set up. The images were recorded at 10 or 15 kV with
a resolution estimated to 0.05µm. Image treatments and
analyses were performed using a home-made program
extracted from the KHOROS freeware. This allows to
determine the covered surface S and the nucleation den-
sity N . A difficulty arises however when the particles dis-
play re-entrant corners leading to concave surfaces. This
morphology could be due either to the aggregation of im-
pinging particles which do not coalesce at a temperature
too low for carbon migration, or to different growth di-
rections generated after a stacking fault. Such a defect
is frequently observed in diamond growth. Therefore, the
procedure counts the whole aggregated ensemble. A mean
diameter D is further calculated by the equation (1)

D = 2A[S/(Nπ)]1/2 (1)

where A is a geometrical factor accounting for the mean
shape of a diamond particle. Assuming an hexagonal
shape as the more usual shape, A quotes to 0.83. More
details on the counting procedure were reported in refer-
ence [26]. Several hundred islands were counted for each
sample.

AFM observations were performed at ambient atmo-
sphere, on a Nanoscope III multimode microscope from
Digital Instruments. The vibrating tapping mode was pre-
ferred to the contact mode because of the strong interac-
tion of the AFM tip with the diamond islands. During the
scan, the tip-surface distance was of several nanometers
so that the interaction with the surface was minimized. In
this particular mode, a silicon cantilever vibrated near its

h

Scheme 1. AFM tip effect on the measurement of the lateral
size of a cubic grain.

resonance frequency (290−420 kHz) with a nominal spring
constant within 20−100 N/m. The effect of the force gradi-
ent on the vibration amplitude was measured via optical
detection. By use of an optimized feedback loop, topo-
graphic images of the sample surface were recorded. The
sharpest tips were selected with an estimated nominal ra-
dius of curvature within 5-10 nm.

From the AFM recorded images, the roughness of the
surface topography was calculated. The standard devia-
tion of the height values, noted Rq, was obtained as fol-
lows:

Rq = [1/N
∑
i

(Zi − Zm)2]1/2, for i from 1 to N (2)

where Zm is the average of the Z values within the given
image, Zi is the current Z value and N is the number of
points of the image.

In AFM, one has to consider the convolution of the tip
with the surface for the lateral resolution. Therefore, the
effect was corrected by taking into account the tip shape
[31]. In the tapping mode, the silicon tip had cone half an-
gles α = 25◦ and α′ = 10◦, at the front and at the back,
respectively. The cantilever direction had an angle β close
to 10◦, with the horizontal. Assuming a cubic shape for
the diamond islands, it is easy to demonstrate the rela-
tion (3) between the measured and the true lateral size,
Dmeas (nm) and Dtrue (nm) respectively, taking into ac-
count the height of the island h (nm) (Scheme 1):

Dtrue = Dmeas − h[tan(π/2− β − α)]−1 (3)

which for α = 25◦, β = 10◦ reduces to (4):

Dtrue = Dmeas − 0.7h. (4)

Some samples were prepared for TEM examination by the
extractive replica technique. After coating of the surface
by evaporation of an amorphous carbon layer, the silicon
support is dissolved in a HF: CH3COOH: HNO3 solution
(1:3:2 vol). The thin film including the carbon islands is
then collected on a 1000 mesh copper grid. It has been
shown that such preparation allows to observe the whole
deposit [29].



330 The European Physical Journal B

Fig. 1. Evolution of the Si 2p core level with the cumula-
tive deposition time. The assignment of the A1, A2 and A3

components is discussed in the text. The intensity scale is not
normalized.

3 Results

3.1 Surface analyses

3.1.1 XPS

The surface of the initial substrate is oxidized, so that in
the Si 2p core level a large oxide contribution SiOx (A3)
emerges around 104 eV beside the elemental silicon (A1)
at 99.6 eV (Fig. 1). This oxide contribution disappears
after the first deposition sequence, this being consistent
with a sharp drop of the oxygen O 1s signal (not shown).

A new feature (A2) at 101.9 eV is detected as a shoul-
der of the main silicon contribution A1. This new feature
becomes clearly visible as early as 21 min deposition time.
It may be assigned to silicon carbide [32,33]. After 21 min
of deposition, we only detect these two contributions with
a relative ratio that does not change very much. For the
C 1s core level (Fig. 2), the broad initial peak denoted B2

at 284.6 eV corresponds both to contamination carbon
and to hard carbon grains left by the scratching process.
Attempts to clean the silicon surface from contamination
carbon by vacuum annealing above 1023 K are unsuccess-
ful in the present case. This result, together with AFM
investigations described below, supports the assumption
of the actual presence of carbon residues on the initial
surface. Such residues have been first detected by TEM
by Iijima [12]. Subsequent sequences of carbon deposition
lead to two contributions. The first one denoted B1 at

Fig. 2. Evolution of the C 1s core level with the cumulative
deposition time. The assignment of the B1 and B2 components
is discussed in the text. The intensity scale is normalized.

Fig. 3. Typical spectra of the Si LVV transition (d(N(E)/dE)
mode) as a function of the cumulative deposition time. The
assignment of the α and β features is discussed in the text.

low binding energy (283.15 eV) is the most intense up to
about 115 min and can clearly be assigned to silicon car-
bide formation [33]. Furthermore, we note that the binding
energy difference between the B1 feature of the C 1s core
level and the A2 feature of the Si 2p core level, both as-
signed to the silicon carbide compound, is 182.25±0.1 eV,
in good agreement with the 182.15 eV difference reported
elsewhere for silicon carbide [34]. The second contribution
B2 at 284.6 eV is initially very weak, but is rapidly increas-
ing. It can clearly be detected above 56 min and becomes
the unique one above 302 min. We attribute it to diamond
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or to amorphous carbon, as reported in the literature
[34,35]. Let us note that, whatever the real na-
ture of elemental carbon (graphitic, amorphous, dia-
mond, ...), a single line is obtained around 284.6 eV
with a resolution not less than 0.6 eV [34]. The na-
ture of this carbon species can therefore hardly be as-
sessed using XPS alone. Both AES and ELS in ad-
dition are necessary to further investigate the nature
of this elemental carbon. More details on the exploita-
tion of these XPS spectra were elsewhere reported [32].

3.1.2 AES

Some characteristic Auger spectra of the Si L2,3VV tran-
sition in the dN(E)/dE mode are presented (Fig. 3) at
different deposition times. They display clear modifica-
tions of the shape which can be attributed to modifications
of the silicon bonding state. The peaks will be labeled ac-
cording to the energy of their minimum derivative feature.

The initial spectrum clearly confirms the presence of
an oxide layer with a broad minimum β around 73 eV and
associated satellites at 62.3 and 57 eV (Fig. 3a). We also
observe an elemental silicon contribution α at 87.4 eV.
From the relative intensities at the silicon oxide and sil-
icon peaks, the equivalent depth of oxide layer can be
estimated to ≈ 1.5 nm [36]. These minima are slightly
shifted to lower kinetic energies than previously reported
(by about 1.5 eV), but this can be attributed to contam-
ination carbon also covering the substrate. A first depo-
sition sequence (2 minutes) leads to an almost complete
reduction of the oxide as ascertained by the large drop of
the minimum β at 73.1 eV (Fig. 3b). Furthermore, the sil-
icon minimum shifts by about 3 eV towards lower kinetic
energies. This is quite characteristic of silicon carbide for-
mation [37]. The spectra do not significantly evolve after
20 minutes (Fig. 3c), still displaying a very small contam-
ination by oxygen.

For the C KVV transition (Fig. 4), the initial struc-
tureless and very broad shape around 265 eV is indica-
tive of amorphous carbon (Fig. 4a). As stated above, this
amorphous carbon is mainly due to contamination carbon,
but also to some carbon residues left on the surface by the
mechanical scratching. Strong modifications of the spec-
trum occur after 2 min of deposition (Fig. 4b). The main
minimum of the transition shifts towards higher kinetic
energies by about 3.5 eV. Fine structures now appear at
248.1 eV (noted a3) and 240.1 eV (noted a4). The shape
of the spectrum is quite comparable to that of the silicon
carbide reference published by Parrill and Chung [33]. In
agreement with their interpretation, a3 is assigned to an
Auger transition whereas a4 is a loss contribution accom-
panying the main Auger transition. Later on, the evolution
with deposition time is weak and we only note a narrowing
of the main component together with a better definition
of fine structures. The spectrum after 80 min clearly ex-
hibits the fine structures a1, a2 and a3 at 259.7, 255.2 and
248.1 eV, respectively (Fig. 4c). These are separated by
5.8 eV, 10.3 eV and 17.4 eV, respectively, from the main
minimum S at 265.5 eV. They are clearly attributed to

Fig. 4. Typical spectra of the C KVV transition as a function
of the cumulative deposition time. The assignment of the a1,
a2, a3 and a4 features is discussed in the text.

Auger transitions of the silicon carbide. A loss feature a4

again points out at 240.2 eV. After 220 min of deposition
however, we do observe some changes (Fig. 4d). The in-
tensities of the a2, a3 and a4 features decrease, while the
feature a1 shifts upwards and now appears as a shoulder
of S. This shape indicates now a mixture of diamond and
silicon carbide.

3.1.3 ELS

Electron loss spectra, recorded at two kinetic energies of
the electrons, in order to be surface sensitive, also indicate
quite significant modifications of the surface.

Figure 5A displays electron loss spectra recorded at
250 eV. The initial surface yields an intense and broad
structure at 22.5 eV (Fig. 5Aa). In agreement with Si
LVV and Si 2p spectra, this is mainly attributed to the
bulk plasmon of silicon dioxide ωSiO2

B . There is also a weak
feature around 16.5 − 17 eV. This could be assigned to
the bulk plasmon of silicon ωSi

B or to the surface plasmon
associated to silicon dioxide ωSiO2

S . The small initial con-
tribution of the π states at 6.8 eV supports the presence
of amorphous carbon contamination that is partially un-
saturated.

After a first deposition sequence (4 min), the silicon
bulk plasmon ωSi

B is more pronounced and the main fea-
ture peaking now at 21.6 eV is narrower (Fig. 5Ab). This
can be interpreted by two effects of the hydrogen and
hydrocarbon radicals : (i) reduction of the silicon oxide
layer and formation of silicon carbide whose bulk plasmon
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Fig. 5. Electron loss spectra at A) Ep = 250 eV and B) Ep =
1200 eV as a function of the cumulative deposition time.

peaks around 21 eV [33]. The contribution of the carbon π
states almost disappears. Thus, within the limits of sensi-
tivity of the ELS probe, we can stress that surface carbon
is quickly saturated (sp3 hybridization) as soon as the
CVD conditions are established. Further depositions up
to 80 min lead to the shift of the silicon carbide contri-
bution towards 23 eV. This can be due to a mixing with
a surface plasmon of diamond ωD

S . The diamond surface
ωD

S and bulk ωD
B plasmons occur at 23.5 and 34.3 eV,

respectively, and dominate after 302 min of deposition,
with a ratio ωD

B/ω
D
S of 1.46 (Fig. 5Ad).

ELS spectra recorded at Ep = 1200 eV are displayed
in Figure 5B for identical deposition times. There is no ob-
vious difference in the initial spectrum with that recorded
at 250 eV, apart from the more intense bulk plasmon of
the silicon at 17 eV (Fig. 5Ba). We also clearly note the
first and the second harmonics of the silicon bulk plasmon
2ωSi

B and 3ωSi
B at 35.2 et 52.8 eV, respectively. The first

4 min deposition confirms the apparition of the bulk sil-
icon carbide ωSiC

B at 21.3 eV, but the silicon feature ωSi
B

Fig. 6. Electron loss spectra on A) scratched Si(100); B) virgin
Si(100) taken from reference [21] and C) difference spectra (A
– B). The intensities are normalized to the elastic peak. The
spectra are recorded at similar IC/ISi XPS ratio, corresponding
to 4 min and 80 min of deposition times on the scratched and
virgin samples, respectively.

is still detectable. A main difference between the 250 eV
and the 1200 eV ELS spectra is that in the latter case
we still detect a weak contribution of unsaturated carbon
πC at 6.5-7 eV (Fig. 5Bb). The broadening observed af-
ter 80 min of deposition can be assigned to a mixture of
the three contributions ωsi

B (17 eV), ωSiC
B (21 eV) and ωD

S
(23 eV) (Fig. 5Bc). The last spectrum (Fig. 5Bd) is dom-
inated by the two diamond losses ωD

S and ωD
B while the

silicon bulk plasmon ωSi
B is still clearly detectable.

In an attempt to get more information on the real na-
ture of the carbon species involved, we compare the 250 eV
ELS spectra of a scratched and of a virgin Si(100), re-
ported elsewhere [21] (Fig. 6). The energy range of inter-
est is 5–15 eV, where it is believed that electron losses are
only sensitive to the carbon state. The difference spectrum
of the normalized ELS spectra is recorded at similar C/Si
intensities (IC/ISi = 0.4). It exhibits in this energy range
a more intense contribution of the scratched sample. This
can already be seen in the original ELS spectra, where
the flat bottom of the virgin sample (Fig. 6B) contrasts
with the continuously rising losses of the scratched sam-
ple (Fig. 6A). This increase can be ascribed to partially
amorphous or defective carbon, such that the lack of long-
range order induces a breakdown in the dipolar selection
rules and yields a continuum of empty carbon states [38].
Both the negative contribution around 18 eV and the pos-
itive contribution around 21 eV are attributed to a more
intense ωSi

B signal on the virgin sample, indicative that
the SiC layer is randomly thicker on the scratched sample
than on the virgin sample, a point that will be further
confirmed.
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3.2 Microstructural investigations

Some typical SEM and AFM pictures are depicted for dif-
ferent deposition times in Figures 7 and 8, respectively.
With sufficient resolution, these images outline three main
features:

- Scratching lines due to the surface treatment. They
are seen by AFM and SEM on every substrate, suggest-
ing a good stability of this damage within the deposition
conditions. They are randomly oriented. Their width is
estimated to 50–100 nm whereas their depth does not ex-
ceed 10 nm.

- Growing nuclei of diamond whose mean size increases
with time. They are generally well facetted. Aggregated-
like particles are clearly observed above 180 min. Their
size distribution is rather homogeneous at t > 120 min,
but more dispersed at lower deposition times. A prefer-
ential distribution of the growing nuclei along scratches
is sometimes observed, but there is no obvious and gen-
eral relationship between these two features. We decided
not to report the size distribution, owing to the inhomo-
geneity of the size below 120 minutes and the presence of
aggregated-like diamond islands above 180 minutes. Fur-
thermore, it is believed that the surface coverage rather
than a mean diameter or a size distribution is the rele-
vant parameter for a further description of the diamond
growth.

- Although sometimes barely detectable by SEM, we
evidence a population of very small particles. The pop-
ulations of growing nuclei and small particles are more
efficiently detected by AFM, for example in Figure 8f cor-
responding to t = 180 min. However difficulties arise (i)
to count and to measure them because of the limited lat-
eral resolution of the AFM microscope and (ii) to define
a size criterion by which we will separate these small is-
lands from the growing nuclei. Fortunately, the mean size
of such small particles is rather homogeneous ranging be-
tween 0.05 and 0.09 µm, whereas facetted diamond nuclei
exceed 0.1 µm size. We therefore arbitrarily separate these
two populations as follows: small particles are those whose
mean size is lower than 0.1 µm, whereas growing nuclei are
particles whose size exceeds 0.1 µm. Another remarkable
result is that the mean size of these particles remains sta-
ble with time. Even after 180 minutes, we clearly distin-
guish this population which coexists with highly-facetted
diamond growing nuclei in the vicinity. By contrast they
do not seem well-facetted, although a clear evidence of a
facetting becomes hard to obtain by AFM in the range
0.05−0.1 µm. We also note that there is no systematic
trend as far as the localization of these small particles and
the scratches is concerned, although there is some marked
presence at the intersect of two scratches or along some
scratches (arrows in Fig. 8b and 8e, respectively). Finally,
many attempts to observe by HRTEM these small parti-
cles are up to now unsuccessful, by contrast with diamond
and silicon carbide.

The analyses of SEM micrographs allows us to deter-
mine the diamond nucleation density N and the covered
surface S (the surface fraction occupied by diamond is-
lands). The nucleation density N again as well as the

roughness Rq, the heights h of small particles and grow-
ing nuclei can be extracted from AFM images. A lateral
size Dmeas can also be deduced from the AFM scan lines.
However, further use of Dmeas requires to be aware of two
physical perturbations inherent to AFM measurements.
Firstly, the measured in-plane size Dmeas is the convo-
lution of the real size with the tip radius of curvature.
Secondly, the critical response of the electronic feedback
is hardly recorded when an abrupt change of slope oc-
curs such as on well-facetted diamond particles. These two
effects cause usually an overestimation of the diameter
Dmeas which has been well described in the literature [31].
Moreover the well-facetted character of the diamond parti-
cles also introduces multiples errors on the measurement
of both h and Dmeas, depending on the position of the
extracted line scan with respect to the facet. These lim-
itations are much less effective for small particles which
exhibit a rounder morphology and a smoother change of
slope, hence only a tip effect really occurs. Thus, as pre-
viously stated, a correction of the AFM images is done
by considering the tip geometry (Scheme 1 and Eqs. (3)
and (4)). In this way, more realistic lateral sizes Dtrue are
extracted.

Considering that the growth of 3D diamond islands is
a phase transformation process as determined on copper
[28,31], we apply the kinetics of such transformations tak-
ing into account the mutual interference of areas growing
from separate nuclei. The fraction of the logarithm of the
uncovered surface (1 − S) has been plotted versus depo-
sition time in a Ln-Ln plot (Fig. 9). The experimental
points, determined by analyses of the SEM pictures, were
fitted according to Avrami’s formalism [39]:

S = [1− exp(−ktn)] (5)

where the slope gives directly the exponent n of expres-
sion (5) and k is a kinetic rate constant. The plot ex-
hibits a two-step behaviour with a clear breakpoint around
t ≈ 45 minutes. Beyond this breakpoint, the slope of
the curve is about 0.5, which is indicative of a diffusion-
controlled growth of small platelets [40]. It should be
noted that the covered surface is not zero initially as we
do observe some particles on the initial surface. Above
45 minutes, the slope jumps to 2.8 ± 0.15. This is quite
relevant to the nucleation and growth of a tridimensional
phase where the growth is governed by the direct chemi-
cal reactivity from the gas phase and the nucleation rate
is slightly decreasing with time. It is particularly instruc-
tive to compare this result with virgin Si(100) [21]. After
a much longer incubation time corresponding to 120 min-
utes, the virgin Si(100) exhibits a quite similar slope.

The variation of the density of growing diamond nu-
clei N , taken as the mean value of the SEM and AFM
countings, is displayed in Figure 10. It exhibits a small in-
cubation time followed by a fast increase up to a maximum
around 120 minutes above 10−8 cm−2. Further, the slight
decrease of the nucleation density is due to the aggregation
process of the particles that overcomes the decreasing rate
of nucleation. We also display the density of small parti-
cles n on the area uncovered by diamond islands (1− S),
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Fig. 7. SEM pictures at different deposition times. A) t = 60 min; B) t = 120 min; C) t = 180 min and D) t = 300 min. The
scales are indicated on the images. In picture C, the sample is tilted.
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Fig. 8. AFM pictures at different deposition times. a) Initial substrate (t = 0 min); b) t = 60 min; c) t = 120 min; d)
t = 180 min; e) t = 300 min and f) details of t = 180 min revealing the double distribution of growing diamond nuclei and small
particles. The scales are indicated at the bottom of each picture.

as counted by AFM. It also exhibits a maximum around
60 minutes but without any incubation time. The den-
sity of small particles n is one to two orders of magnitude
larger than the density of diamond nuclei N (Fig. 11).

The evolution of the height (h) to true diameter
(Dtrue) ratio, h/Dtrue, can provide us useful information
on the actual morphology of the small particles. From

the AFM images, the lateral size Dmeas and the height
h of the islands are measured. Then, after a correction of
the tip curvature effect, according to equations (3) and
(4), we plot the ratio h/Dtrue versus height h for many
particles within the height range 0-50 nm and for depo-
sition times up to 120 minutes (Fig. 12). The observed
behaviour is roughly linear up to h ≈ 100 nm. Hence,
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Fig. 9. Evolution of the covered surface with the deposition
time in an Avrami plot ln(ln(1/(1− S))) = f(ln(t)). (Square):
scratched sample Si(100); (Circle): virgin sample Si(100) taken
from [21]. The results are fitted with expression (5).

Fig. 10. Evolution of the nucleation density N with the depo-
sition time. Full square: experimental measurements; full line:
result of a fit according to equation (A.2) within the time range
0-120 minutes.

for the smallest islands, the shape is far from a cubic one
(h/D = 1) and the exploitation of the AFM images al-
lows us to plot a shape factor versus the height of these
islands. This behaviour of the h/Dtrue ratio versus height
reveals a particular growth mode of the small particles
(h < 100 nm). If h/Dtrue αh, it leads to Dtrue = const.
Such a condition is verified in a columnar growth along
the direction h. More accurately, the set of experimental
points can be inserted inside a cone that intersects the

Fig. 11. Evolution of the density of the small particles on the
area uncovered by diamond islands, n/(1−S), with deposition
time. Full square: experimental AFM measurements; Full line:
result of a fit according to equations (A.1) and (5).

Fig. 12. Evolution of the h/Dtrue ratio as a function of the
height h of the small islands. Dtrue is the diameter calculated
from AFM images according to equations (3) and (4). Square:
initial surface; Triangle up: 20 min; Circle: 120 min; Triangle
down: 180 min; Diamond: George et al. [31].

line h/Dtrue = 1 at hinf = 40 nm and hsup = 120 nm, re-
spectively, which correspond to the lower and upper limits
of the lateral size of the small particles. For the growing
nuclei, i.e. h ≥ 100 nm, we observe a widespread disper-
sion of this ratio between 0.5 and more than one, as it
can be expected from facetted particles where the mea-
surements depend on the orientation of the surface rela-
tive to the substrate. But this ratio generally tends to-
wards 1 for the larger crystallites. Therefore, the points
above 100 nm are not shown. In the same figure, we also
report the AFM data of a previous study [31] in which
diamond islands were obtained by microwave assisted
CVD (MWCVD) on a monocrystalline Si(100) scratched
with diamond paste. Their results fall within the cone of
our experimental data. Above 90 nm, they also report
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a constant h/Dtrue ratio = 1 which corresponds to three
dimensional facetted particles. This justifies our separa-
tion of the island distribution into two populations dis-
tinguishing between small particles (h < 100 nm) and
growing nuclei (h > 100 nm). TEM observations confirm
that the smallest facetted island have a lateral size of no
more than 100 nm.

The evolution of the mean size (not shown), indirectly
determined by SEM according to equation (1), reveals
three marked steps. Beyond 120 minutes, the mean size
very slowly increases. This corresponds to the intense step
of nucleation (Fig. 10) with a columnar growth of the small
particles. It is expected that the lateral growth at this
stage occurs mainly via an indirect process: adsorption
on the substrate, diffusion on the surface and interfacial
reactivity of the carbon species. Within 120-230 minutes
the growth of the nuclei is mainly linear. This is the re-
sult of the growth of isolated particles now mainly by a
direct surface reactivity of the active species in the gas
phase. Above 230 minutes, aggregation leads to an en-
hanced growth of the diamond nuclei and therefore, the
size grows faster than a simple linear law.

At low diamond coverage, the indirect pathway pre-
vails on the direct pathway. The change of growth mecha-
nism occurs for S within 1-2%, as indicated by the change
of slope in the Avrami plot (Fig. 9) in good agreement
with results previously reported [26].

The substrate roughness Rq, determined on areas in-
cluding small particles but no growing nuclei, is initially
1.5 nm and remains stable up to 120 min (2.5 nm). It
further increases up to 17 nm (not shown). Let us note
however that the measurements at the coalescence step
are less accurate and less reproducible, due to the small
areas of bare silicon left on the surface.

TEM investigations of replica of the deposits showed,
apart from diamond islands, shreds of silicon carbide lay-
ers. This phase is oriented with respect to the silicon
substrate. The diffraction pattern clearly reveals a cu-
bic β-SiC (100) orientation (Fig. 13). The most intense
spots correspond to measured distances of 0.220, 0.153
and 0.109 nm instead of 0.220, 0.154 and 0.109 nm at-
tributed to the (200), (220) and (400) spots for β-SiC.
This is in good agreement with previous in situ X-ray
photoelectron diffraction (XPD) measurements [41]. On
the other hand, the small particles above, displayed by
AFM and SEM, cannot be observed. We believe it is due
to the preparation method of TEM samples: either they
are dissolved with the silicon substrate or they are not
removed together with the amorphous carbon layer.

4 Discussion

Before entering the discussion about the nucleation pro-
cess of CVD diamond, it appears useful to define some
important terms which will be used below to describe the
nucleation steps. According to the abundant preexisting
literature on the subject, we can distinguish two pathways
for the growth of CVD diamond. They are summarized in
Scheme 2.

Fig. 13. Selected area diffraction showing the β-SiC (100)
patterns.

The first one occurs through preexisting germs intro-
duced by the ex situ pretreatment of the substrate. These
germs are seeds of diamond or other abrasive ceramics left
by the mechanical polishing. It must be stated however
that not all the germs are suitable for diamond growth,
some of them can be unactivated, due to likely competitive
transformation, such as dissolution or etching as nicely re-
ported by Maeda et al. [13]. These authors monitored the
diamond growth on a mechanically scratched silicon sur-
face. They were able to observe the same area at succes-
sive stages of the growth by high resolution SEM. They
concluded that the diamond growth only occurred on the
larger seeds left by the surface pretreatment.

The second pathway is a stepwise nucleation pro-
cess. It includes first the formation of nucleation sites
which are chemically and geometrically defined onto which
the subsequent steps of nucleation will occur. These nu-
cleation sites can be created either by the preliminary
ex situ pretreatment of the substrate, and hence will
be named extrinsic nucleation sites; or they are created
in situ under CVD conditions and hence will be named
intrinsic nucleation sites. Onto these nucleation sites
can be formed embryos. These are carbon-containing
phases (carbide, graphitic, diamond-like or amorphous
carbon, ...) formed during in situ CVD. They are the
precursors for diamond nucleation. They are not sta-
ble and, as such, are submitted to competitive pro-
cesses such as carbon dissolution, carbon transformations



338 The European Physical Journal B

Scheme 2. The two pathways to diamond CVD growth.

(carburization, graphitization, amorphization, ...). Hence,
they are strongly dependent on both the gaseous environ-
ment and the nature of the substrate. By contrast, nuclei
are stable diamond of the smallest size issued from the em-
bryo. At last the growing diamond islands arise both from
the seeding and the nucleation pathways (Scheme 2).

Finally we can note the following considerations from
Scheme 2:
- It must be bear in mind that both germs and embryos are
submitted either to chemical reactivity, such as allotropic
carbon transformation, amorphization, carbide formation
or to carbon dissolution into the substrate in close com-
petition with diamond nucleation and growth.
- Finally at each of these steps, etching is believed to occur.
This is due to the high reactivity of the gas phase radi-
cals with the substrate as well as with carbon-containing
species such as germs, embryos, nuclei and growing dia-
mond islands.

The morphology of the deposits has been studied by
structural probes, whereas the nature of carbon species
has been studied by electron spectroscopies (XPS, AES,
ELS). By XPS the following species are observed: silicon,
silicon oxide, silicon carbide and elemental carbon. Let
I(SiC), I(CSi) be the intensities of the silicon carbide on
the Si 2p core level (line A2, Fig. 1) and on the C 1s core
level (line B1, Fig. 2), respectively, and I(C) and I(Si) the
intensities of the elemental carbon (line B2, Fig. 2) and sil-
icon (line A1, Fig. 1), respectively. As previously reported
[26], both the growth of the silicon carbide layer and the
diamond coverage can be extracted from the intensity of
each contribution of the Si 2p and C 1s core levels. By the
use of a simple model, it is possible to evaluate an equiv-
alent thickness z of the silicon carbide layer assuming an
homogeneous layer [26]. The variations of z and of the

Fig. 14. Evolution of the equivalent homogeneous depth z of
the silicon carbide layer with the deposition time. Scratched
Si(100): Triangle down and star: Si 2p core level; Diamond and
cross: C 1s core level. Virgin Si(100): full square: Si 2p; full
circle: C 1s. The solid lines are only guides for the eye.

XPS intensity ratio I(C)/I(Si) are reported in Figures 14
and 15, respectively. We shall discuss the occurrence of
the different pathways displayed in Scheme 2 at the light
of these graphs.

One pathway on Scheme 2 relies upon the presence of
germs left on the surface by the pretreatment. We indeed
find an initial C 1s contribution attributable not only to
contamination carbon but also to diamond residues. More,
particles are seen by AFM and SEM on the silicon sur-
face before deposition. Some of these seeds remain stable
as the CVD conditions are established and therefore are
prone to further diamond growth. As the growth occurs
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Fig. 15. Evolution of the I(C)/I(Si) ratio with the deposition
time. The solid line is the result of the fit of the equivalent
expression taken from reference [26]. Squares and circles are
the result of two independent experiments. A) Full time scale
of deposition; B) focus over the first 100 minutes.

directly from these germs, the initial density of diamond
islands is not zero. However we believe that the smallest
germs may also be dissolved into silicon or transformed
into carbide in the CVD conditions. This assertion is sup-
ported by the initial decrease of the XPS carbon signal
I(C)/I(Si) reported in Figure 15B. Moreover the follow-
ing experiment points out to the reversible character of
the transformation between diamond islands on a silicon
substrate and silicon carbide. After an exposure to the
CVD conditions at 1073 K during 170 min, the C 1s core
level displays the B1 and B2 lines characteristic of silicon
carbide and diamond, respectively (Fig. 16). Further vac-
uum treatment during 25 min at 1373 K leads to complete
removal of the diamond feature, indicating a redissolution
of the diamond islands at elevated temperatures with for-
mation of silicon carbide.

The germ pathway is very often rightly invoked in the
literature as the main pathway to diamond generation in
CVD conditions. However we believe this cannot be the
only process in our conditions. Indeed the density of dia-
mond islands does not remain constant, but increases after

Fig. 16. C 1s core level of A) CVD diamond deposition (T =
1073 K; t = 170 min) B) Further vacuum treatment (T =
1323 K; t = 25 min).

some incubation time (Fig. 10). The Avrami plot (Fig. 9)
also indicates that the nucleation rate is not null. These
experimental facts prove that it is necessary to consider
now a nucleation mechanism.

The first process to consider is the formation of nu-
cleation sites either by a previous or in situ pretreatment
leading to extrinsic and intrinsic nucleation sites, respec-
tively. Indeed, on silicon, the role of the preformed surface
defects in the nucleation processes has been emphasized:
apex of silicon pyramids [9], sharp edges [42], whiskers
[10], edges of terraces [11]. In a study on a chemically
etched silicon surface containing large terraces, we noted
that most of the diamond nuclei preferentially nucleate
on the edges of some terraces [43]. The reasons why these
sites are preferred for the nucleation remains unclear but
it has been explained either (i) by a minimization of the
interfacial energy [42] or (ii) by the presence of more dan-
gling bonds enhancing the energy of chemisorption [43]
or (iii) by a more rapid carbon saturation on these sites
[44], due to the annihilation of the surface diffusion of the
carbon species.

In our conditions, the only preexisting surface defects
lie along scratch lines. On the whole, there is no obvi-
ous correlation between diamond nuclei and scratch lines.
Therefore we are inclined to minimize here the role played
by extrinsic nucleation sites. No definite conclusions can
be taken however as: (i) the limited resolution of the AFM
tip blinds small scratch lines and (ii) these lines can be
partly transformed into intrinsic nucleation sites via either
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carbon adsorption or silicon carbide formation or silicon
etching. Silicon etching by radical hydrogen and silicon re-
deposition lead to an increase of the surface roughness by
creation of holes and pits, respectively. Holes of threefold
and fourfold symmetry are found on pristine Si(111) and
Si(100), respectively [21,45]. These surface defects may
provide proper geometric sites for further diamond nucle-
ation. In addition, it is tempting to assign the small par-
ticles to such silicon protrusions, clearly detected both by
SEM and AFM. At the present time, the chemical nature
of these small particles is not clearly elucidated. Previ-
ous studies about diamond growth on silicon reported the
existence of such a double distribution [46,47]. But, sur-
prisingly, the nature of these small particles has been little
discussed in the literature and, when tempted, the inter-
pretations are quite contradictory. A Raman study would
have given evidence for polyacethylene nanocrystals [48],
while β-SiC particles are invoked elsewhere [46]. A more
recent and careful HRTEM study revealed silicon protru-
sions [49]. A columnar mode of growth of these protrusions
is expected by an etching-redeposition process which is ef-
fectively observed by AFM. We failed to detect them by
TEM while preparing the sample by a replica technique
that dissolves silicon, which is consistent with the silicon
nature of these protrusions. TEM observations of these
small particles, by the way of another preparation tech-
nique, are presently under active investigations. Whatever
the interpretation, the absence of accurate structural char-
acterization of these protrusions left still obscure this im-
portant step of the nucleation mechanism.

Now can these small particles be intrinsic nucleation
sites to diamond nucleation? Some indications support
this assertion. Hence the kinetics of the density of these
small particles, which display no incubation time unlike
diamond nuclei but display a maximum, would indicate
that they will be precursors to the diamond nucleation.
We therefore develop a crude model, derived from the
Molinari model [50] (Appendix 1) to account for the ki-
netics of both the density of these small particles n(1−S)
and the density of diamond islandsN . This model is devel-
oped in Appendix 1, assuming that the aggregation of the
growing nuclei is negligible. This model accounts, within
the first 120 minutes, of both the orders of magnitude and
the trends of the evolution of the density of small particles
and growing nuclei. Hence the density of small particles
on uncovered area n(1−S) passes through a maximum as
it is an intermediary step in the global kinetic scheme of
nucleation (Scheme 3 in Appendix). Moreover the prob-
ability for these precursors to become a diamond island
can be roughly determined from the ratio of the densi-
ties N(1 − S)/n, and is estimated to around 10%. It is
however highly unlikely that diamond might directly nu-
cleate on silicon. This has sometimes been claimed, yet
in the case of instantaneous nucleation like polarisation-
enhanced nucleation [51] or at high carbon concentration
[52]. More likely, diamond can nucleate either on silicon
carbide or on amorphous DLC carbon [52–54]. The occur-
rence of one of this two pathways depend on the exper-
imental CVD conditions: substrate temperature, carbon

content... We will discuss the probability of their occur-
rence in our case.

Many authors report the formation of silicon carbide
[35,49,55–57]. The questions which remain unsolved how-
ever are: (i) does this silicon carbide homogeneously cover
the surface? and (ii) does silicon carbide behave as a pre-
cursor of diamond nucleation? From the spectra of Fig-
ures 1 and 2, we show that it is possible to monitor the
growth of the equivalent depth of silicon carbide layer z,
assuming an homogeneous repartition [26]. The depth z
can be extracted by two ways from the ratio of the C 1s
(I(CSi)) or the Si 2p (I(SiC)) signals to the Si 2p I(Si)
signal, respectively:

z(Si) = λSiC cos θln{1 + [I(SiC)/I(Si)]} (6)
z(C) = λaver cos θln{1 + [λSiCI(CSi)/λCSiI(Si)]} (7)

where the signals are corrected for the photoemission sen-
sivity factors, the transmission function of the analyzer,
the asymmetric factor of the core level, the atomic den-
sity and the mean free paths in silicon carbide at the Si 2p,
the C 1s and the average kinetic energies, which are λaver,
λSiC and λCSi, respectively (Fig. 14).

Although the curves are quite similar, we note slightly
but systematically lower z values when extracted from the
C 1s core level rather than from the Si 2p core level. This
can be explained by an inappropriate choice of the mean
electron escape depth in silicon carbide. At higher deposi-
tion times, the sensitivity on the C 1s core level becomes
very weak and the error is important. The main point is
a rapid increase of the silicon carbide contribution which
reaches a steady level after less than 20 minutes. This
depth z∞ is around 1.0± 0.1 nm, a value which is prob-
ably slightly underestimated as we include the small sig-
nal of substoichiometric silicon oxide in the overall sig-
nal of the substrate. For comparison, we also report the
same parameter on virgin Si(100). Lower values are ob-
tained which means that the silicon carbide layer is thin-
ner (z∞ ≈ 0.7± 0.1 nm). Equations (6) and (7) assume a
continuous silicon carbide layer.

Actually, the chemical nature, the crystallinity and
the homogeneity of the intermediate layer strongly de-
pend on the CVD experimental conditions. As an illustra-
tion, an increase of the methane content in the gas phase
from 0.3 to 2% induces a transition from a single-crystal
layer of β-SiC to an amorphous carbon layer [52]. In some
cases, continuous layers of silicon carbide were observed
[55,56], while other studies pointed out to the presence of
nanocrystals of carbide [49,57]. This XPS study cannot
elucidate the problem of a homogeneous or heterogeneous
repartition of silicon carbide. However, the observation of
replica films by TEM shows shreds of silicon carbide and
suggests a discontinuous repartition of the silicon carbide
onto the substrate. Moreover, it is expected that the sil-
icon protrusions displayed above are carburized on top.
This ensemble may act as an embryo to the diamond nu-
cleation. A recent HRTEM study of diamond crystallites
grown onto a silicon substrate [50] supports this conclu-
sion. Evidence is given for silicon pitches of 10−15 nm
lateral size onto which a thin layer of silicon carbide (2 nm
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thick) and further diamond are formed. In our present
case, the AFM study of such embryos allows us to mea-
sure their dimensions: the lateral size Dtrue and the height
h, and to give insight to their growth mode. The linear
relationship between h/Dtrue and h leads to a columnar
growth of the embryos (Fig. 12). For diamond nuclei of
lateral size Dtrue larger than 100 nm, the h/Dtrue ratio
is close to one, the growth in the island mode becoming
now isotropic. This is in good agreement with the Avrami
plot which shows a second regime where the growth is
governed by direct impingement from the vapor phase.
Both the clean silicon surface and the grooves left by the
scratching undergo an etching process by the radical hy-
drogen of the gas phase leading to a roughening of the
silicon sample [45]. The preferential growth of silicon car-
bide on top of redeposited silicon protrusions may explain
why we could not observe these embryos by HRTEM due
to the removal of the silicon during the replica procedure.
Onto these silicon carbide nanocrystals, the nucleation of
diamond is possible with a weak probability (≈ 10%). On
the other hand, the nucleation probability is practically
null on clean SiC [51].

Yugo et al. [46,58], interpreting STM images, reported
a size effect upon diamond nucleation. According to them,
the proper sites for diamond nucleation are surface defects
of both comparable size and shape to critical diamond nu-
clei. In standard CVD experimental conditions, they esti-
mated this critical size to several nanometers. This is in
line with our interpretation if we consider that the lat-
eral size of the protrusions determine the critical size of
diamond nuclei.

The other possible carbon precursor for diamond nu-
clei is amorphous DLC carbon. Previous studies by TEM
and EELS [53,54] report the formation of a thin amor-
phous layer at the interface of silicon and CVD diamond.
At this stage, it is instructive to compare the 250 eV ELS
spectra (Fig. 6), on pristine and scratched silicons. In the
energy range of 5–15 eV, particularly sensitive to the car-
bon bonding states, the difference spectrum exhibits a
higher contribution for the scratched sample. Therefore,
we believe the formation of diamond-like carbon on top of
protrusions could not be excluded.

Finally, travelling on the lower branch of Scheme 2
after formation of nucleation sites and carbon-based em-
bryos on it, we reach the nucleation step. Models have
described the diamond formation from either silicon car-
bide [51] or amorphous DLC carbon [59]. It is speculated
that diamond nucleation occurs on top of silicon protru-
sions covered either by silicon carbide or DLC amorphous
carbon. At this state, some remarks can be made:

The size of the diamond nuclei must be larger than a
critical size which is equal to the lateral size of the silicon
protrusions. Hence we fail to observe by TEM, SEM and
AFM diamond nuclei of size lower than several nanome-
ters.

The nucleation kinetics displays two major steps
(Fig. 10), the first one at 3 × 107/cm2, is reached after
50 minutes while a rapid transition to 108/cm2 occurs be-
tween 100 and 150 minutes of deposition. This incubation

time of 50 minutes corresponds to the time of formation
of the precursors.

This time of incubation is probably related to the sta-
bilization of the proper nucleation sites, both on a ge-
ometrical and a chemical point of view and the forma-
tion of precursors. According to our results, this time is
within the 0–100 minutes range. Above this time range
we indeed observe the increase in the XPS ratio ID/ISi

evolution (Fig. 15) as well as in the surface roughness mea-
sured by AFM.

A model with several steps was already postulated
by Stiegler et al. [60] to modelize the diamond MWCVD
growth on a Si(100) scratched surface. The authors de-
termined three main stages from the plot of the diamond
nuclei density: the first one which occurred very quickly is
attributed to the growth of diamond on the seeds left by
the mechanical polishing. According to the authors, only
the larger-sized seeds grew in agreement with the Maeda’s
study [13]. A second step is related to the classical nucle-
ation process while the last one is called “avalanche pe-
riod” and should be due to an increase of the local carbon
concentration in the vicinity of the diamond growing is-
lands [59]. We cannot observe this third step as it is not
easily detectable and therefore we do not discuss it. On
the other hand, we found no mention of no-facetted small
particles coexisting with diamond islands. These authors
conclude that in their case the main process is rather a
seeding than a nucleation process.

5 Conclusion

The formation of diamond by a CVD process on Si(100)
has been explained in the framework of two pathways.

A seeding pathway occurs by direct growth from a part
of the diamond seeds left by the mechanical pretreat-
ment. Not all of these seeds however are prone to diamond
growth as they can be partly dissolved and carburized.

A nucleation pathway is a stepwise process includ-
ing the formation of extrinsic (pretreatment) or intrin-
sic (in situ) nucleation sites, and subsequent formation
on it of carbon-based precursors before further diamond
nucleation. It is believed that nucleation sites could be ei-
ther grooves of scratching lines or protrusions of size lower
than 100 nm produced by an etching- redeposition process
of silicon. On top of these protrusions as well as on the
bare substrate, a thin layer of silicon carbide, 1 nm thick,
rapidly forms. Diamond-like carbon is also likely present.
Diamond nucleation can occur at the end of this stepwise
process. It is highly probable that the nucleation includes
both a proper nucleation site and the complex growth of a
carbon-based precursor which is more enriched in carbon
and densified as the process runs. The chemical and struc-
tural nature of these precursors to diamond nucleation is
at the present time under active investigations.

We are grateful to Dr R. Polini (Univ. Tor Vergata, Roma) for
the SEM observations and to Dr B. Lang for useful discussions.
Dr R. Michelangelo is greatly acknowledged for performing the
image analyses by the Khoros freeware.
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Appendix

By contrast with most of the literature, we fail to fit with
an exponential line the evolution of the growing diamond
nuclei. In the literature, there are some reports of an in-
cubation time and there is a model developed by Molinari
et al. [51] which supposes the formation of embryos before
nucleation starts. It is not the topic of this appendix to
discuss the real nature of these embryos. Assuming that
(i) some seeding is likely, yielding an initial nucleation
density N0; (ii) nucleation sites are provided along the
edges and corners of the mechanical scratches with den-
sity Ns and (iii) small particles are formed on such sites
which are precursors of diamond nucleation, it is possible
then to reconsider the model of Molinari et al. We fur-
ther assume that (i) when starting the nucleation step,
the covered surface S is small so that any capture by the
growing diamond nuclei is negligible and (ii) the reverse
reaction of precursor annihilation is negligible relative to
the formation of such precursor. These assumptions may
be considered as valid beyond 120 minutes where both the
surface coverage is small (Fig. 9) and very few aggregation
occurs (Figs. 7 and 8). Hence the densities of the precur-
sor n/(1 − S) and of the growing diamond nuclei N can
be expressed by formula (A.1) and (A.2), respectively:

n(t) = keNS
[exp(−KDt)− exp(−ket)]

[(ke −KD)(1− S)]
(A.1)

N(t) = N0 +NS
1 + [(KD exp(−ket)− ke exp(−KDt))]

(ke −KD)
(A.2)

where ke and KD are the kinetic rates of the precursor
and the growing diamond nuclei formation (ke > KD) as
displayed in Scheme 3.

Scheme 3. Kinetic model of the steps of diamond nucleation.

Figures 10 and 11 display fits of the growing nuclei
and precursor densities for the same set of parameters
NS , ke and KD. For both curves, the agreement is rather
satisfactory with respect to shape and order of magnitude.
Due to the simplifications included in this crude model, we
believe that the values extracted must however be handled
with care and only the trends and the order of magnitude
may be significant. Above 120 minutes, both aggregation
of the growing nuclei and capture of the precursor by the
growing nuclei occur and no attempt had been carried out
to fit the complex evolution of the densities.
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